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ABSTRACT: The fracturing of four different polyolefin materials (a polypropylene ho-
mopolymer, a propylene—ethylene copolymer, a polyethylene homopolymer, and an
ethylene—hexene copolymer) was studied with the objective of developing a better
understanding of the relationships between the morphology of semicrystalline poly-
mers, the morphology and growth kinetics of their fracture surfaces, and their mechan-
ical properties. A scanning electron microscope and an optical microscope were used to
obtain images of the fracture surfaces. The samples were injection-molded or hot-
pressed to generate different microstructures. Fracture experiments were performed at
23, 0, and —20°C to generate fracture surfaces with different morphologies from the
same supermolecular structure. It appears that the fracture propagates through the
spherulites in a brittle manner. The macroscopic aspect of the fracture surfaces is
temperature-independent and changes are visible only at the microscopic scale. Over
the range of temperatures studied, the rms roughness [root mean square roughness
= V/I/n Sr. (Z: — Z)% decreased by only about 20%, while the fracture energy of
all but one of the materials (a high-density ethylene—hexene copolymer) decreased
by about 60% as the temperature was reduced. © 2000 John Wiley & Sons, Inc. J Appl

Polym Sci 77: 2370-2382, 2000
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INTRODUCTION

The main objective of the work described in this
paper was to study the relationships between the
morphology of commercially important polymers,
the morphology and growth kinetics of their frac-
ture surfaces, and their mechanical properties.
Exploration of the relationships between the su-
permolecular structure, the fracture surface to-
pography, and the fracture performance presents
very exciting challenges, from both a basic re-
search and an industrial point of view. We stud-
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ied the relationships between the morphology of
materials and the mechanical properties of prod-
ucts manufactured from them through the char-
acterization of the fracture surface. The polymer
morphology/microstructure can be described in
terms of crystallinity, crystal-size distribution,
density, molecular weight distribution, and
chain-branch density. If a link between the mo-
lecular structure and mechanical properties can
be established, new concepts could be developed
to design polymers with superior properties. The
materials that were studied are polyolefins (poly-
ethylene and polypropylene), commercially very
important polymers. International standardized
procedures (ISO standard) for industrial test pro-
cedures were followed in the fracture experi-
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ments. Scanning electron microscopy (SEM) and
optical microscopy were used to qualitatively
characterize the fracture surfaces.

BACKGROUND

When a crack propagates, stress is concentrated
at its tip. The stress near the tip becomes higher
than the yield stress, and a plastic zone develops
in front of the advancing tip. Under certain con-
ditions, cavitation and fibrillation processes occur
in this zone. This phenomenon is known as craz-
ing. Crazes, unlike cracks, are load bearing be-
cause their two surfaces are bridged by small
fibrils with diameters in the range 5 to 30 um.
When a fracture propagates, it does so by break-
down of the fibril structure within the craze, a
process that is supported by the high local stress
in the fibrils. Crazing can be very beneficial, be-
cause it is an energy-absorbing plastic-deforma-
tion process. This and other plastic-deformation
processes are the most important sources of frac-
ture toughness, G..

A complex sequence of events can be expected
to take place during craze formation in bulk semi-
crystalline polymers.® At sites of enhanced stress
concentration, local sliding occurs between indi-
vidual lamellar ribbons. This process is facilitated
by the low degree of entanglements in the com-
mon amorphous interlayer between the lamellar
ribbons. During this stage, strain is accommo-
dated almost entirely by the interlamellar amor-
phous regions. At the same time, the crystals
change their orientation and the shear component
decreases, while the stress in the direction of the
molecular axis of the crystals increases. Once the
local stress reaches a critical value (equal to the
stress at which macroscopic yielding can take
place), individual blocks are pulled out of the crys-
tal ribbons. Due to this local yielding process,
submicroscopic defects are created between the
lamellae. In the as-formed condition, the fibrils
consist of partly extended tie-molecules with oc-
casional blocks of still folded crystal between the
strings.

In view of the complex processes that take
place during deformation, it is apparent that pro-
cessing conditions, especially heat treatment and
cooling rate, can influence the mechanical prop-
erties of products manufactured from semicrys-
talline polymers. Processing conditions determine
the crystallinity and crystal-size distribution and,
thus, change the probability of forming tie-chains

that play a crucial role in the fibrillation process.
The tie-chain concentration also depends on the
molecular weight M,,. Craze formation and craze
growth are then also influenced by the molecular
weight. As M, increases, the degree of crystallin-
ity in the material decreases. Thus, the fraction of
the material in amorphous interlayers, in which
craze nucleation can take place, is increased. This
leads to an increase in the number of crazes, an
effect that is enhanced if the sample molecular
weight is increased. The molecular weight has
very little influence on the elastic-deformation
behavior and on the stress or strain at which
crazes are initiated. After craze initiation, stron-
ger fibrils are formed, and they can grow with
increasing stress and time. In general, the maxi-
mum fibril length increases with increasing mo-
lecular weight. This provides the observed in-
crease in fracture strain. The forces transmitted
by the fibrils grow with M, due to a higher
amount of topological entanglements between the
crystalline blocks in the craze fibrils. This is re-
flected by the observed increase in breaking
stress with increasing M,,. Under these condi-
tions, the relevant stress is not the applied stress
but the true fracture stress in the craze fibrils.
Even though much energy is dissipated in the
crazes, it is recognized that, when uncontrolled,
crazes usually fracture and cause brittle behav-
ior. However, when crazing is properly controlled,
it can lead to substantial levels of toughness.

Polymers can behave in a brittle or in a ductile
manner, depending on the testing conditions
(temperature and strain rate) and their ability to
resist craze formation and crack propagation.
Linear elastic fracture mechanics (LEFM) has
long been used to describe the failure of polymers
under brittle fracture conditions.>"* The condi-
tions under which the LEFM approach is appli-
cable put severe constraints on the specimen di-
mensions. The size of the plastic zone must be
smaller than the thickness of the specimen, a
condition difficult to achieve in thermoplastics,
especially in polyolefins. Fracture properties are
usually expressed in terms of the critical stress
intensity factor, K,. In impact testing,” this quan-
tity can be determined via the strain energy-re-
lease rate, G, that is calculated from the relation-
ship

U=U,+ GBD®

where U is the fracture energy; U,, a correction
for kinetic energy loss; B, the thickness of the
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sample; D, its width; and ®, a geometric factor
that may be taken from tables.®> For IZOD and
CHARPY impact tests, this factor depends on the
ratio L/a, where L is the length of the sample and
a is its thickness. The critical intensity factor K,
and the strain energy release rate, G, are related
by

K? = E*G,

where E* = E (E is the elastic modulus) for plane
stress conditions and E* = E/(1 — »*) under
plane strain conditions.

When full yielding occurs, the elastic analysis
is no longer valid and the J-integral concept—a
more general fracture energy criterion—may be
used. Rice®” developed an approach to the prob-
lem of identifying a unique parameter to charac-
terize the failure of bodies with nonlinear and
elastic behavior. Rice showed that a certain inte-
gral, now commonly called the J-integral, de-
scribed the flow of energy into the crack-tip re-
gion. The J-integral is measured from the load-
displacement curve. The characteristic value o/, is
obtained by extrapolation of the linear part of the
load-displacement curve. The quantity J, is de-
fined so that J. = G, for the elastic case. Under
conditions where more plastic behavior is occur-
ring, it may be expressed in terms of the yield
stress and the crack-tip displacement, u, using
the equation

where o, is the yield stress. If full yielding is

assumed in bending and this criterion is used,

U= u D _J B(D — a)
“goBD-a)=d g

where a is the notch depth. If the cross section of
the notched sample is A = B(D — a), then

J.= A
The factor of 2 arises because the average dis-
placement in bending is U/2 compared with U in
tension. The use of U/A as a parameter is, of
course, a traditional way of analyzing fracture
data, but the factor 2 must be introduced in bend-
ing to give valid comparisons with G..

Table I Number-average Molecular Weight,
M,,, Weight-average Molecular Weight, M,,, and
Polydispersity of Our Four Polymers

M, M, Polydispersity
PP-homo 50,000 250,000 5
PP-copo 55,000 340,000 6.2
HDPE-homo 17,000 195,000 12
HDPE-copo 31,000 75,000 2.4

M, and M,, were determined by gel-permeation chroma-
tography (GPC) at Borealis.

SAMPLES

Our study was focused on polyethylene and
polypropylene. Polyolefin plastics are all partially
crystalline, with crystallinities varying from 40 to
50% to over 90%. The crystalline density is
greater than is the amorphous density in these
and most other materials. This leads to higher
stiffness, tensile strength, heat resistance, yield
resistance, hardness and lower permeability,
stress crack resistance, impact resistance, and
tear strength. Low-density polyethylene (LDPE)
is usually used when flexibility and toughness are
desired, whereas high-density polyethylene
(HDPE) finds utility when hardness, rigidity, and
higher strength are important.

Four different materials (see Table I), supplied
by Borealis a/s (Ronningen, Norway), were chosen
because of their relatively simple composition and
their industrial interests: two polypropylenes re-
ferred to as PP-homo (a homopolymer) and PP-
copo (a heterophasic propylene—ethylene copoly-
mer) and two high-density polyethylenes refer-
enced as HDPE-homo (a homopolymer) and
HDPE-copo (a randomly distributed ethylene—
hexene copolymer).

The specimens were prepared either by injec-
tion molding (PPs) or by hot pressing (PPs and
PEs). The injection-molding cycle can be de-
scribed as follows:

The polymer was injected into the mold at a
controlled speed (injection time 2-3 s) and high
temperature 200°C—well above the melt temper-
ature). The mold temperature was 40°C and the
holding pressure needed to avoid sink marks usu-
ally ranged from 200 to 500 bars and was applied
for 40 s. The specimen was then cooled for 8 s
(without applied pressure) and was ejected. The
total cycle time was about 60 s. Because of the
high viscosity in the molten phase, the PEs that
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Table II Spherulites Size in the Center and
Along the Edge of the Fracture Surface

Central Along the

Part Edge Crystallinity
PP-homo (inj.) 60 wm 17 pm 49.4%
PP-copo (inj.) 30 pm 20 pm 43.8%
PP-copo (h.p.) 55 um 45 pm 46.2%
HDPE-homo (h.p.) 32 pm 25 pum 57.5%
HDPE-copo (h.p.) — — 72.4%

“inj.” indicates that specimens were injection-molded,
whereas “h.p.” indicates that specimens were hot-pressed.

were studied could not be injection-molded, and,
therefore, a hot press was used. Pellets were
placed between two metallic plates, which were
then placed in the press. The cycle started with a
subcycle of compressions—decompressions during
the melting of the pellets, to avoid air bubbles in
the final sheets and to evaporate solvent traces.
The polymer plate was then compressed for 10
min at 180°C (5 min at low pressure and 5 min at
high pressure). A cool-down rate of 15°C/min was
then applied until a temperature of 40°C was
reached. The hot press was also used to prepared
the PP samples, the only change being the com-
pression temperature, which was 210°C.

All our specimens had the same shape: 10 X 80
mm with a thickness of 4 mm. To initiate fracture
propagation in a specific location, the sheets were
notched in one of the 4 X 80 mm faces (2 mm deep
with a tip radius of 0.5 mm) when the experi-
ments were performed.

The influence of the morphology on the fracture
performance of PP and PE was described in the
literature.?8~1! It appears that the fracture per-
formance is strongly influenced by the processing
conditions, which affect the supermolecular struc-
ture. Different crystalline morphologies (charac-
terized by the tie-chain density, crystallinity, la-
mellar structure, and lamellar thickness) are as-
sociated with different thermal histories. All
these parameters are interdependent, and it is
not a simple matter to separate their respective
effects. Nevertheless, some trends are apparent.

In our study, crystal sizes were measured with
a cross-polarized light microscope. Thin slices
(typically 10 um) were microtomed. Pictures were
taken at different locations on the slices, to ex-
plore the influence of cooling rates and mechani-
cal deformation rates during processing. The re-
sults are summarized in Table II.

The injection-molding process induces a
broader crystal-size distribution than does hot-
pressing. This is not surprising since, as dis-
cussed previously, raw material is injected into
the mold at a controlled speed and high temper-
ature (=200°C). The melting-point temperature
of the two injection-molded polymers (PPs) are
close to 160°C. The injection-molding process ex-
posed the polymer to high-temperature gradients
and high shear strain rates near the boundaries
of the specimen and lower-temperature gradients
and shear strain rates in the interior. This caused
the crystallite sizes to be larger in the center of
the specimen than along the edges. The relatively
short duration of the injection-molding cycle did
not allow time for extensive spherulite growth.
During the hot-press process, samples were sub-
mitted to a much more gradual heat treatment, to
keep the temperature as uniform as possible
throughout the sample. This explains why, for a
given material (PP-copo), the crystal sizes were
larger and the size distribution was narrower in
the hot-pressed specimens. Even though the
spherulite size could not be measured precisely
for the HDPE-copo sample (randomly distributed
ethylene—hexene copolymer), it was found to be
approximately 1 um.

It is known that an increase in crystallinity
usually induces a lowering of material toughness
(the yield stress and the brittleness increase).
When the crystallinity decreases, the crystal size
decreases at the same time, which increases the
probability of forming tie-chains (the average
thickness of the crystals is reduced and, as a
result, the average distance between crystals is
reduced). Tie-chains join the crystals together to
form a network. They play a crucial role in the
molecular disentanglement process that takes
place during fracture propagation (they increase
the failure time) and their concentration appears
to be a more important parameter than the crys-
tal size itself.

The tie-molecule concentration also depends
on the molecular weight M,, and on the short-
chain branch density. Short-chain branches re-
duce the average thickness of crystals, increas-
ing the tie-molecule concentration. They are
also supposed to inhibit disentanglement pro-
cesses, thus increasing the failure time. A de-
tailed description of the supermolecular struc-
ture is needed to develop a more complete un-
derstanding, since the crystal size and size
distribution provide only a partial characteriza-
tion of these polymeric materials.
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Table III Values of the Fracture Parameter J, (kJ/m?) at 23, 0, and —20°C Measured

During the Charpy Test

PP-homo PP-copo PP-copo HDPE-homo HDPE-copo

(inj.) (inj.) (h.p.) (h.p.) (h.p.)
23°C 7.3 0.6 20.5 = 1.0 19.0 =+ 1.0 18.6 = 0.6 pb 415+ 15pb
0°C 2.5 +0.2 10.9 £ 0.3 11.1 £ 0.7 10.2 + 0.3 46.0 = 5.0 pb
—20°C 2.7 0.7 8.5=*1.5 8.1+0.8 9.0 £ 0.6 43.2 = 1.5 pb

“inj.” indicates that specimens were injection-molded, whereas “h.p.” indicates that specimens were hot-pressed. “pb” indicates

that the samples were partially broken.

RESULTS AND DISCUSSION

Temperature and Strain-rate Dependence

Fracture experiments were conducted at 23, 0,
and —20°C to study the temperature dependence
of the fracture surface structure and to generate
fracture surfaces under different experimental
conditions for identical samples. Some of the re-
sults are summarized in Tables III and IV. It can
be seen that, for all samples but HDPE-copo, the
fracture energy increases as the temperature is
increased.

The fracture behavior of HDPE-copo seems to
be temperature-independent. This is clearly
shown in Figure 1. A very important parameter
related to the mechanical properties of polymeric
materials is the glass transition temperature, T,.
The glass transition temperatures were obtained
from Borealis a/s. They are expected to be close to
0, —45, and 110°C, respectively, for the PP ho-
mopolymers, the PP/PE rubber phase, and
HDPE. These values have to be taken with cau-
tion, because they have been measured at zero
frequency (o — 0) and 7', is known to be strain
rate-dependent. It is very difficult to know pre-
cisely the strain rate in our fracture experiments,
but an upper limit can be determined. In this type
of impact tests, the fracture velocity is not con-
trolled but measurements have shown that it in-

creases in time until a maximum value (typically
~0.5 Cp) is reached,'*'® where Cjy is the Ray-
leigh wave velocity (the velocity of a wave propa-
gating on a free surface of a given material). It is
possible to calculate Cp using the Rayleigh wave
velocity equation’”:

rf—8rt+8r%(3—-2s%) —-16(1—-s>=0

where r = Cr/C,, s = C,/C;, and C, and C, are
the transverse and longitudinal sound velocities.
It was found that Cr = 1210 m/s for PP and Cp
= 900 m/s for PE, at room temperature. This
means that the approximate maximum value of
the fracture propagation speed is 600 and 450 m/s
for PP and PE, respectively. Taking into account
the geometry of our samples, the maximum defor-
mation rates in our experiments were estimated
to be 7.5 X 10* s~ ! for PP and 5.6 x 10* s~ ! for
PE. For polymers with a C—C backbone, it was
determined that 7', increases by 5-8°C per fre-
quency decade. The glass transition temperature
is often determined using the storage and loss
modulus—temperature curves obtained from rheo-
logical measurements. These measurements are
performed at constant frequency, usually 1 Hz.
Based on this observation, it is apparent that the
effective value for 7', increases by up to 30-40°C
in our fracture experiments, which is far from

Table IV Values of the Fracture Parameter J, (kJ/m?) at 23, 0, and —20°C Measured

During Izod Test

PP-homo PP-copo PP-copo HDPE-homo HDPE-copo

(inj.) (inj.) (h.p.) (h.p.) (h.p.)
23°C 57 =03 19.0 £ 1.5 16.9 = 0.8 24.0 = 4.5 pb 38.0 + 2.5 pb
0°C 3.20 = 0.05 9.6 + 0.5 114 + 0.8 10.2 = 0.9 40.5 = 5.0 pb
—20°C 32 *05 8.5*+0.2 8.5+ 1.0 9.0 1.3 42.0 = 5.0 pb

See footnote to Table III for abbreviations.
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Figure 1 Evolution of J_, measured in Charpy experiments at different temperatures.

being negligible, indicating that for PP-homo,
even for experiments conducted at 23°C, the ma-
terial can behave as if it was below its T',. Even if
the fracture velocity does not reach 0.5 Cy, it is
reasonable to believe that the effective T, under
our experimental conditions is much higher than
the given (low-frequency) values.

If the temperature dependence (Fig. 1) of J,
determined for the PP-homo sample is examined,
a transition in the fracture energy behavior is
noticed at a temperature between 23 and 0°C. In
this temperature range, J,. decreases by % of its
initial value, and it seems to remain constant at
lower temperatures. This indicates that the T, for
the sample at the experimental strain rate is be-
tween 23 and 0°C. A slight discrepancy with the
given value of T, = 0°C, due to the high strain
rate, is then noticed. A similar observation can be
made for the PP-copo sample (PP/PE rubber
phase) which has a low-frequency 7', value close
to —45°C. A decrease in temperature from 23 to
—20°C induced a 55% decrease in J,.. The shape of
the J —temperature curve shows that J, reaches
a constant value and then becomes temperature-
independent. This suggests that the 7', for PP-
copo under our experimental conditions is close to
—20°C. Once more, the discrepancy with the low-
frequency value of —45°C is due to the high strain
rate during fracture propagation. This effect
should be taken into account in the choice of ma-

terials that will be subjected to a particular set of
conditions (temperature, type of fracture, strain
rate involved, etc.) during use.

Supermolecular Structure Dependence

We studied the influence of the supermolecular
structure (more specifically, the crystal size,
which was discussed in the third section—see Ta-
ble IT) on the mechanical properties. The energy
to fracture versus crystal size is plotted in Figure
2. It can be clearly seen that the energy released
during crack initiation and propagation is a de-
creasing function of the crystal size, in agreement
with well-known trends. It was reported in the
literature that spherulite size may not have a
direct influence on the mechanical properties, but
it is difficult to consider spherulite size indepen-
dent of other effects. Some parameters that are
expected to influence the mechanical behavior of
polymers are summarized in Table V.

It can be seen that all these parameters are
linked together. For a given polymer family (PP or
PE), an increase in crystallinity induces an in-
crease in density. Consequently, the crystal size
becomes higher and the yield stress increases at
the same time. All this leads to a lowering of /.
and the polymer becoming more brittle. Exami-
nation of the behavior of the polypropylene—eth-
ylene copolymer (PP-copo) processed using two
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Figure 2 Plot of the energy released during crack initiation and propagation versus
the crystals mean size obtained using data from Izod and Charpy tests.

different techniques [injection molding, PP-copo
(inj.), and a hot press, PP-copo (h.p.)] indicates
that they have different supermolecular struc-
tures. The injection-molded sample was submit-
ted to a higher cooling rate, resulting in a lower
crystallinity and smaller spherulites. This ex-
plains its higher impact resistance compared with
the hot-pressed sample. However, it must be
pointed out that, even if PP-copo (inj.) and PP-
copo (h.p.) have two completely different histo-
ries, their impact resistances are quite similar.
This suggests that heat treatment can be used to
reach an optimal behavior but in a relatively nar-
row range of performance, whereas modification
of the polymer chain structure (molecular weight,
side chain length and density, introduction of
blocks of different monomers) remains the most
effective approach to achieving significant me-
chanical properties improvements. All these re-

sults should be confirmed by changing, gradually,
the processing conditions, to obtain a wide range
of supermolecular structures for each material.

Fracture-surface Microscopy and Qualitative
Analysis

Our approach is to relate the structure of the
fracture surfaces to the polymer structure and
morphology, on the one hand, and to the mechan-
ical properties, on the other. We tried to charac-
terize qualitatively the rough surfaces generated
by the fracture at three different temperatures
(23, 0, and —20°C) for our five samples. A scan-
ning electron microscope was used to visualize
the fracture surfaces.

The fracture surface of the PP-homo PP ap-
pears to be quite regular with fine patterns, ex-
cept along the edges and behind the notch. The

Table V Yield Stress o, Density p, Crystallinity X, Crystallization Temperature, Melting
Temperature, Crystal Size, and J, (Charpy Test) for All Our Samples

Crystallization/Melting

Crystal Size

Sample o, (MPa) p X (%) Temperature (°C) (pm) J, (kdJ/m?)
PP-homo 34.5 908 494 161.5/115.6 60/17 7.3
PP-copo (inj.) 25.5 902 43.8 163.0/115.6 30/20 20.5
PP-copo (h.p.) — — 46.2 161.9/120.0 55/45 19
HDPE-homo (h.p.) 29 957 72.4 134.4/120.2 32/25 18.6
HDPE-copo (h.p.) 16 936 57.4 123.7/111.3 — 41.5

The yield stress, density, and J, were measured at room temperature.
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Figure 3 High-magnification SEM picture of a PP-
homo sample. The experiment was performed at 23°C.
The size of the image is 1 X 750 pm.

sheath along the edges consists of an outer-skin
zone with a width of 100-150 um and an inner
shear zone with a width of 200-250 um. The
formation of these zones is a consequence of the
injection-molding process used to form the speci-
men. The skin is formed as a result of rapid cool-
ing during polymer processing, resulting in a
small crystallite size and lower crystallinity. In
the shear zone, oriented patterns can be observed.
The differences between the shear zone and the
bulk fracture morphologies are attributed to the
effects of rapid shear deformation on the polymer
morphology, near the surface of the sample dur-
ing processing. PP is submitted to a shear stress
to fill up the mold, leading to the observed orien-
tation. In the central part of the fracture surface,
fine regular patterns can be observed at both tem-
peratures (see Fig. 3). No evidence of crazing or
fibrillation can be observed, and the brittle frac-
ture surface morphology does not seem to be tem-
perature-dependent. Similar behavior, which can
be interpreted in the same manner, was found for
hot-pressed and injection-molded PP-copo copoly-
mers. The fracture surfaces look qualitatively
similar, with coarse patterns and surface mor-

Figure 4 High-magnification SEM picture of a PP-
copo sample. The experiment was performed at 23°C.

phologies characteristic of brittle failure (see Fig.
4), irrespective of the process and the tempera-
ture. The only temperature-dependent quantity
may be the surface roughness which appears to be
higher for hot-pressed specimens. To study the
rms roughness, all the roughness measurements
were performed over 0.5 X 1-mm regions (see
Table VI). As for the homopolymer, no evidence of
crazing or fibrillation was observed.

The fracture surfaces of HDPEs (HDPE-homo
and HDPE-copo) were completely different. This
reflects a much higher rate of plastic deformation,
with crazing and fibrillation (see Figs. 5 and 6).
Along the edges of the homopolymer, (HDPE-
homo) fracture surface shear lips were detectable,
with a maximum width of approximately 0.65 mm
at room temperature. These are regions that un-
derwent a pronounced ductile deformation as a
result of the biaxial stress field present at the free
surface of the specimen. The central part of the
fracture surface remains the same at both tem-
peratures, and its fine structure will be described
later on. The only difference is the width of the
shear lips, which seems to decrease with decreas-
ing temperature. This may explain the decrease
in fracture energy at low temperature.

Table VI Rms Roughness of Fracture Surfaces Generated at 23 and —20°C

PP-homo PP-copo HDPE-homo HDPE-copo
(inj.) (h.p.) (h.p.) (h.p.)
Rms roughness
(113m) 23°C 10.1 3.6 8.2
Rms roughness
(113m) —20°C 8.0 3.1 7.5

The roughness was measured from 1 X 0.5-mm images.
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Figure 5 High-magnification SEM picture of a
HDPE-homo sample. The experiment was performed at
23°C.

The block copolymer HDPE-copo was the sam-
ple with the highest fracture energy. For this
sample, wide shear lips (with a maximum width
close to 1 mm) could be observed surrounding the
central part of the fracture surface, which is com-
posed of crazed matter. The background of this
region appeared to be relatively flat, with pat-
terns resulting from crazing and fibrillation pro-
cesses emerging from it. Just behind the notch, a
semicircular region that differs from the bulk re-
gion could be seen. It represents the plastic zone
at fracture initiation. Its size seems to be temper-
ature-independent, with a radius close to 3 mm.
The fracture surfaces looked the same at both
temperatures.

Figures 3-11 show high-magnification SEM
pictures of the central part of fracture surfaces
formed at 23 and —20°C. For the PP homopoly-
mer (PP-homo), brittle behavior was found at
both temperatures, but the fracture surfaces ap-

06, 198k 039

Figure 6 High-magnification SEM picture of a
HDPE-copo sample. The experiment was performed at
23°C.

Figure 7 High-magnification SEM picture of a PP-
homo sample. The experiment was performed at
—20°C.

peared to differ slightly (see Figs. 3 and 7). At
23°C, the surface was relatively regular, with a
rounded hill and valley relief. The reliefis smooth
in the sense that most of the peaks have a round
shape and sharp edges are rare. Visual inspection
shows that there is no evidence that fracture
propagation occurs preferentially in the amor-
phous phase between spherulites. In Figure 8, the
top of a spherulite emerging from the fracture
surface can be clearly seen. However, this is not
the common way for the fracture to propagate.
This intact spherulite is surrounded by broken
spherulites, showing that even if the amorphous
matter is the weakest point of the structure the
fracture does not follow the interfacial region be-
tween spherulites and the surrounding amor-
phous polymer, but tends to propagate in a more
direct path, through the crystalline structure. At
—20°C, the fracture also has a brittle character,
but the fracture surface looks more damaged.

Figure 8 High-magnification SEM picture of a PP-
homo sample. The experiment was performed at 23°C.
The size of the image is 290 X 225 um.
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Figure 9 High-magnification SEM picture of a PP-
copo sample. The experiment was performed at —20°C.

At room temperature, the fracture was de-
scribed as “brittle” because of the lack of fibrils on
the fracture surface. At —20°C, the fracture sur-
face has lost its rounded hill and valley relief, and
the patterns edges seem to be sharper than those
obtained at higher temperatures. As mentioned
previously, this change is directly linked to the
glass transition, which occurred between room
temperature and 0°C.

As for the homopolymer, Figures 4 and 9 indi-
cate that the two-phase PP copolymer fractures in
a brittle manner. The fracture surfaces look the
same at both temperatures, and the process used
to prepare the specimen does not seem to have
any influence. Small black holes and white bumps
can be observed on the PP-copo fracture surface,
due to the heterophasic nature of the copolymer.
The PP-copo materials consists of a blend of PE
chains in a matrix of PP, in which the two phases
are not linked together. The boundary between
PE nodules and the PP phase is a weak point in
the copolymer structure. When a crack propa-
gates, these nodules are pulled out from the ma-
trix, leaving holes on one of the fracture surfaces.
Close inspection of the fracture surface indicated
that the typical distance between nodules was in
the 5-10 um range.

PEs behave in a totally different way. They are
much more ductile materials that undergo craz-
ing and fibrillation processes. Evidence for craz-
ing can be seen on the HDPE-homo fracture sur-
faces (Fiigs. 5 and 10), especially at room temper-
ature. During crack propagation, small craters,
with very well defined borders, were created on
the fracture surface. The borders were made of
crazed matter that was stretched in a direction
perpendicular to the fracture plane. The surface
was a result of the cavitation process occurring in

the crazing zone and the breakdown of the
stretched fibrils. The mean size of the craters
should be related to the mean distance between
two consecutive fibrils. It can be seen in Figure 5
that the crater pattern exists on a wide range of
scales and could be observed at any magnifica-
tion. The transition from a coarse structure to a
fine structure is caused by irregular crack propa-
gation, but it is remarkable that the coarse and
fine structures look exactly the same. From a
statistical point of view, they were identical. As
the temperature was lowered from 23 to 0°C and
then to —20°C, the fibrillation process gradually
disappeared. This can be seen at high magnifica-
tion, whereas the macroscopic aspect remains the
same. At —20°C, the network of crazing-induced
craters has disappeared. Traces of remaining fi-
brillation process can be observed on the edges of
macroscopic patterns (the whitened parts in Fig.
10). One explanation may be that the high-fre-
quency 7', of the polymer was close to the exper-
imental temperature.

The fracture surface morphology of the HDPE
copolymer (HDPE-copo) seems to be temperature-
independent (see Figs. 6 and 11). As for the ho-
mopolymer, the fibrillation process created cavi-
ties. The main difference is that relatively large
sheets of highly deformed matter were found in
this fibrillation-induced network. Compared with
the HDPE-homo specimen, the fibrils were thin-
ner on the copolymer fracture surface. Careful
inspection of pictures at the highest magnifica-
tion showed that the typical size of the cavities or
craters was in the 5-10-um range. This also dif-
fers from the homopolymer behavior, for which it
was impossible to identify characteristic features
of any typical size.
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Figure 10 High-magnification SEM picture of a
HDPE-homo sample. The experiment was performed at
—20°C.
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Figure 11 High-magnification SEM picture of a
HDPE-copo sample. The experiment was performed at
—20°C.

To obtain a more complete description of the
fracture surfaces, thin slices (typically 10 um
thick) were cut perpendicular to the surface and
parallel to the crack propagation direction. Sam-
ples were cut with a microtome and the razor
blade was changed after every cut. By using a
cross-polarized light microscope, the supermolec-
ular structure beneath the fracture surface could
be examined. It could then be determined if the
initial structure was damaged after the crack
propagation. Figures 12-15 confirm the brittle
fracture of both PPs (PP-homo and PP-copo) and
the characteristic morphology of the PE fracture
surfaces (HDPE-homo and HDPE-copo). For the

Figure 12 The supermolecular structure beneath the
fracture surface of a PP-homo sample. The experiment
was performed at 23°C. The cut is oriented perpendic-
ular to the fracture surface and parallel to the fracture
propagation direction. The size of the image is 290
X 225 pm.

Figure 13 The supermolecular structure beneath the
fracture surface of a PP-copo sample. The experiment
was performed at 23°C. The cut is oriented perpendic-
ular to the fracture surface and parallel to the fracture
propagation direction. The size of the image is 290
X 225 pm.

PP-homo specimen, it was clear that the fracture
propagates through the spherulites, as Figure 12
indicates. The spherulites are broken in a very
brittle manner; the remaining parts of the
spherulites are apparently not deformed. The or-
ganization of the spherulites beneath the fracture
surface does not seem to have been perturbed. A
closer inspection showed that the fractures
tended to pass through the spherulites, following
a radial direction. This indicates that they passed
through the centers of the spherulites (the nucle-
ation point) and that the crack propagation was
influenced by the orientation of the lamellae. At
both 23 and —20°C, short cracks and partially
broken spherulites can be seen. This brittle be-

Figure 14 The supermolecular structure beneath the
fracture surface of an HDPE-homo sample. The exper-
iment was performed at 23°C. The cut is oriented per-
pendicular to the fracture surface and parallel to the
fracture propagation direction. The size of the image is
290 X 225 pm.
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Figure 15 The supermolecular structure beneath the
fracture surface of an HDPE-copo sample. The experi-
ment was performed at 23°C. The cut is oriented per-
pendicular to the fracture surface and parallel to the
fracture propagation direction. The size of the image is
290 X 225 um.

havior is not surprising. At room temperature,
many semicrystalline thermoplastics are above
their glass transition points, and they owe their
strength and stiffness to crystalline phases. Dur-
ing the early stages of deformation, the deforma-
tion process takes place mainly in the the rela-
tively soft amorphous layers. But the stress—
strain curve is largely determined by the presence
and arrangement of the crystals. Interlamellar
slip has been identified as an important deforma-
tion mechanism. On the other hand, when the
temperature is lowered (or when experiments are
conducted at very high strain rates), deformation
within the amorphous phase becomes more and
more restrained, and the material is expected to
behave more like a glassy polymer. This is exactly
what we found for the two PPs.

The transverse cut of the PP-copo fracture sur-
face (see Fig. 13) confirms the brittle behavior of
the material. The fracture goes through spheru-
lites, and the fracture surfaces generated at 23
and —20°C appear to be very similar.

Figure 15 confirms the totally different behav-
ior of the copolymer HDPE-copo. The presence of
a white band along the fracture surface, with an
approximately constant thickness, is a conse-
quence of the drawing process that occurs during
crazing. Usually, crazes grow by drawing mate-
rial from the matrix. This leads to a change in
micromorphology in a layer called the active zone.
When a fibril breaks, it forms a dimple in the
fracture pattern. The thickness of the active zone
is approximately 10-12 um at 23°C and 5-7 um
at —20°C. At 23°C, parallel white lines can be

seen in the bulk, under the fracture surface, and
they are called strain lines. Their white color in-
dicates that the microstructure along these lines
has changed due to the concentration of stress
along a well-defined line. They may consist of
crazes that have not developed into cracks or
shear bands. In both cases, their presence shows
that the crack propagation induces a more global
(less localized) deformation in the specimen than
for the PP specimens. This is due to a lower glass
transition temperature, which leads to a softer
material behavior. These bands are not visible at
—20°C, but this may be because of a different
light polarization that could have masked the ori-
ented patterns.

Like the PP fractures, the fracture propagates
through the spherulites in the HDPE homopoly-
mer (Fig. 14). However, for the HDPE homopoly-
mer, fibrils emerging from the broken spherulites
can also be seen. At 23°C, the active zone was
limited in size and did not spread all over the
fracture surface. In Figure 14, material that was
dragged from the spherulites to form the active
zone can be clearly seen. It is surprising that the
crystalline-ordered structure was not destroyed
during this process. At —20°C, the local active
zones disappeared, and some fibrils remained on
the fracture surface. No strain bands were ob-
served, since the glass transition temperature of
the specimen was too close to the temperatures of
the experiments.

CONCLUSIONS

The goal of this work was to study the structure of
fracture surfaces in order to discover correlations
between quantitative measures of the polymer
structure and the mechanical properties of the
final products. The fracture was shown to propa-
gate through the spherulites and followed the
lamellae orientation in the PP homopolymers. In
terms of fracture toughness, heat treatment can
be used to improve mechanical properties but
these variations are small. The best way to
achieve superior properties is to modify the chem-
ical structure.

The temperature and strain rate are very im-
portant parameters in the control of crack propa-
gation. The energy to fracture increases with tem-
perature, as does the fracture surface roughness
(but only slightly). The rms roughness measured
over 1 X 0.5-mm areas was approximately 20%
higher for fracture surfaces generated 23°C com-
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pared with those generated at —20°C. The strain
rates involved in fracture processes greatly influ-
ence the material behavior, by changing its effec-
tive glass transition temperature to behave as
glassy polymers at temperature 20—30°C higher
than the low frequency T,. This has to be taken
into account in the choice of polymers, depending
on the conditions that the final products will be
exposed to and the manner in which the material
will fail (low strain rate subcritical fracture prop-
agation or high strain rate supercritical fracture
propagation).

Our measurements have shown that a de-
crease in temperature leads to a decrease of 20%
in the rms roughness when it is measured over 1
X 0.5-mm areas and a lower fracture energy (ex-
cept for the HDPE-copo sample). At the same
time, fracture surfaces at 23°C are very similar to
those generated at —20°C, even though the frac-
ture energy changes a lot. The small variations in
the rms roughness and the fracture surface topog-
raphy do not explain the observed changes in
toughness. The fracture surfaces are very com-
plex and are composed of a central region and side
regions (e.g., skin and shear bands). The size of
each region seems to be temperature-dependent,
and this could explain the change in fracture en-
ergy with the temperature. It should be reward-
ing to studying the structure of each part individ-
ually (not only in the central part which was the
focus of our work) and try to correlate it with the
energy dissipated. The change in fracture energy,
while the geometry of the fracture surfaces re-
mains almost the same, could also indicate that
only a small amount of the energy is used to
create the new free surfaces, the rest being dissi-
pated by deformation processes occurring in the
bulk of the specimens. Further investigations are
needed to obtain a better understanding of this
issue.
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